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Abstract

This report describes the development of initial mechanism models for the long term behavior
of additively manufactured (AM), laser powder-bed fusion 316H stainless steel under the
conditions expected in future advanced nuclear reactors. These models focus on key features
of the material microstructure and response that differ from the conventionally-manufactured
wrought material. Specifically, the report describes the development of models to capture the
unique response of the AM material focusing on irradiation creep and swelling, the effect of
internal stress, for example caused by dislocation structure, on precipitation, and the effect of
the AM grain and dislocation structure on the macroscale creep and thermal aging behavior.
This single mechanism models represent progress towards a complete, physics-based model
for the long-term material behavior as well as elucidate key differences in the AM material
behavior, when compared to the better-understood, conventionally-manufactured 316H.
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1 Introduction

This report describes the development of preliminary mechanism models to predict the long-
term behavior of additively manufactured, Laser Powder Bed Fusion (LPBF) 316H stainless
steel. These models are part of a larger effort by the Advanced Materials & Manufacturing
Technologies (AMMT) program to develop physics-based models for the long-term material
performance of advanced materials operating under the conditions expected in future ad-
vanced nuclear reactors. Validated physics-based models could provide better long-term pre-
dictions for material strength and reliability, when compared to current approaches, based on
empirical extrapolation techniques. Replacing these empirical methods with physics-based
models could therefore reduce the amount and duration of testing required to qualify a new
material, accelerating the process of qualifying advanced materials for nuclear service.

Specifically, this report describes progress towards a physics-based, mechanistic model
for the long term creep and thermal aging behavior of LBPF 316H. Our work focuses on
developing key mechanism models for the LPBF material, targeting differences between the
wrought material microstructure and material behavior and the expected AM material struc-
ture and response. This report summarizes collaborative work at Idaho National Laboratory
(INL), Los Alamos National Laboratory (LANL), and Argonne National Laboratory, with
each site focusing on a different material mechanism

1. Chapter 2: a preliminary model for irradiation creep and swelling, developed at INL.

2. Chapter 3: a framework accounting for the effect of internal stress on precipitation,
developed at LANL.

3. Chapter 4: a preliminary model for creep and thermal aging accounting for LPBF
grain and dislocation structure, developed at Argonne.

Each of these mechanism models represents progress towards developing a complete,
physics-based model for the long-term material performance. Moreover, each mechanism
focuses on a unique aspect of the material microstructure, when compared to wrought ma-
terial. These mechanism models therefore not only contribute towards the development of a
full model for the material behavior, but also help to elucidate the key differences between
the wrought and AM material response.

Chapter 5 summarizes the work accomplished this fiscal year and discusses future work
needed to develop a complete model for predicting the long-term behavior of LPBF 316H.
In addition to continuing to improve these mechanism models, additional work is needed to
integrate the mechanisms into a complete description of the material behavior and to include
interactions between the different mechanisms into the final model.

ANL-AMMT-011 1
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2 Development of initial MOOSE-based crystal plasticity model for
irradiation creep in 316 stainless steel

Although wrought 316 stainless steel has been extensively studied, predictive simulation
models for the behavior of the austenitic stainless steels under irradiation creep conditions
are lacking. While phenomenological models exist [2], these models are fit to limited data
and often conflict with each other. For example, the Gittus [3] and Garnder [2] phenomeno-
logical models disagree about the dependence of the irradiation creep coefficient on irradi-
ation swelling. These models cannot be extrapolated past the calibration data range, and
the scarcity of experimental data further limits the use of phenomenological models. High-
fidelity, mechanism-based models are required for simulations to predict material responses.
Our goal is to develop a mechanistic crystal plasticity capability to assist in interpreting the
scarce irradiation creep stainless steel experimental data and predict irradiation creep behav-
ior of additively-manufactured (AM) 316 stainless steel, which has a significantly different
microstructure from conventional wrought material.

To guide the mechanism selection for the initial implementation efforts, we focused on
irradiation deformation mechanisms, which are active in the operating conditions of interest
for Generation IV reactors [4]. At the intermediate temperatures of interest, void swelling,
precipitate evolution, and irradiation creep are active. Irradiation creep depends on the be-
havior of dislocation networks and the interaction of those dislocations with other radiation
defects, including precipitates and point defects [4]. Glide and climb are the dislocation evo-
lution mechanisms governing those interactions [5]. Furthermore, radiation-induced swelling
is a life-limiting factor for stainless-steel components at higher temperatures [6].

For these reasons, we selected dislocation glide, void swelling, and dislocation climb
as focus areas for the initial efforts to implement an irradiation creep crystal plasticity
model into the Multiphysics Object-Oriented Simulation Environment (MOOSE) code. Some
existing crystal plasticity capabilities are available within MOOSE, including a generalized
stress residual minimization scheme and an applied shear stress calculation algorithm [7].
These capabilities are demonstrated with the basic Kalidindi model [8], which is developed
for a face centered cubic (FCC) crystal structure. The Kalidindi model, however, tracks only
the evolution of the crystal slip system hardening rather than microstructure features, such
as dislocation and defect densities, and thus is unsuited for the mechanistic focus of this work.
Other models have been developed from the MOOSE code for use with body centered cubic
(BCC) crystal systems, including models for material behavior prediction after radiation
exposure [9, 10]. Although BCC and FCC crystals are both cubic-based systems, the slip
planes and slip directions are different for each crystal system. The number of possible slip
systems in BCC systems is significantly larger, particularly at higher temperatures where up
to 48 slip systems can be active [11]. The larger number of slip systems in BCC materials
enables dislocation motion through dislocation cross-slip, and cross-slip is a mechanism for
dislocations to by-pass obstacles, including irradiation defects [12, 10]. FCC materials do
not readily demonstrate cross slip and deform through other dislocation motion mechanisms.
For the austenitic 316 stainless steel of interest in this work, a new, FCC-appropriate crystal
plasticity model is required to capture the relevant deformation mechanisms of dislocation
glide and climb. The new model should also leverage the symmetry of the FCC crystal
system.

ANL-AMMT-011 3
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Implementing this crystal plasticity model into MOOSE will ensure easy access to the
simulation capability through the open-source structure of MOOSE [13] and will enable
coupling to additional codes in the near future. Open-source access to the code will allow
collaborators, both internal and external, to use this capability, accelerating the ability to
understand the effect of AM specific microstructures and process variability on the irradiation
creep response of the material. This chapter presents the progress made in these three
development areas.

2.1 Initial crystal plasticity model for stainless steel

The dislocation glide model forms the basis of the crystal plasticity capability as the fun-
damental dislocation movement mechanism. In selecting a suitable crystal plasticity model
for implementation into MOOSE, we applied two guiding metrics: suitability for irradiation
creep modeling and simulation applications and compatibility with the other mechanistic
modeling development efforts in the work package. A dislocation glide model, developed
initially for thermal creep in 316 stainless steel by Hu and Cocks [14], was selected for this
work. This thermal creep model is being adapted for dislocation network evolution in ad-
vanced manufactured stainless steel by ANL. As a model initially developed for thermal
creep, we anticipate that this formulation will be suitable for the long time frame of irra-
diation creep simulation needs, and it will allow for a natural transition to a thermal creep
mechanism at elevated temperatures. The Hu-Cocks model uses a per-slip-plane basis as the
foundation of the constitutive law formulation. Rather than tracking the dislocation den-
sities on individual slip systems (12 systems) as other crystal plasticity formulations have
done [8, 15, 16, 9, 12, 10, 17], the Hu-Cocks model tracks dislocation pinning points on each
of the slip planes (4 planes). Barriers to dislocation motion, including forest dislocations,
solutes, and solid precipitates are also tracked on a per-slip plane basis.

Implementing and verifying the dislocation glide model first within MOOSE ensures a
solid code foundation for additional development, scientific interpretation (and re-interpretation)
of experimental data, prediction of irradiation creep behavior for AM specific microstruc-
tures, and understanding the impact of AM process variability on irradiation creep response.
This approach will also facilitate the future combination of thermal and irradiation creep
development efforts at ANL and INL. Contributions to the crystal slip system hardening
due to solutes and solid precipitates within the Hu-Cocks model will also enable future con-
nections to the precipitation kinetics model under development by LANL. In this section,
we present the details of the mathematical formulation of the Hu-Cocks dislocation glide
model, show a few demonstration cases of the model implementation, and conclude with a
brief summary of proposed future work.

2.1.1 Mathematical formulation and implementation

The crystal plasticity capability in MOOSE is designed to enable the development and
implementation of new constitutive laws without the need to code the residual stress iteration
algorithm anew [7]. As such, the constitutive Hu-Cocks dislocation glide model [14] must
be adapted to an incremental formulation that tracks the applied slip system stress and
slip system critical resolved shear stress on an individual slip system basis. Here the slip
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increment on each slip system is defined with a power law relationship as

∆γα = ∆γo

∣∣∣∣ταgα
∣∣∣∣p sign (τα) (2.1)

where α indicates a slip system, ∆γo is the reference shear strain increment, τα is the applied
shear stress on slip system α, and gα is slip system α’s critical resolved shear stress. The
contributions to the critical resolved shear stress are

gα = gαd + gs + gp (2.2)

where gαd is the forest dislocation hardening, gs is the solute strengthening, and gp is the
solid precipitate strengthening. The critical resolved shear stress can also be considered
as the strength of each slip system and represents the resistance to dislocation motion.
All the individual strengthening contributions follow the impenetrable barrier form and are
implemented in a per-slip system manner; the superscript α indicates a slip system. The
forest dislocation hardening term is calculated as a function of the pinning points per slip
plane, Ω, using the relationship

gαd =
αdGb

LΩ
d

∣∣∣∣∣
α∈Ω

(2.3)

where αd is a barrier strength parameter, G is the shear modulus, b is the Burgers vector,
and Ld is the mean free glide path due to forest dislocations. The contribution of the solute
to the critical resolved stress is independent of the coplanar system group,

gs =
αsGb

Ls

, where Ls =

(
1

cb

)1/2

. (2.4)

The barrier strength parameter is represented by αs and c is the solute concentration [14].
Similarly, the solid precipitate strengthening contribution is also independent of coplanar sys-
tem group and is computed as a function of the average precipitate radius rp and precipitate
number density Np

gp =
αpGb

rp

√
3

2π

(
4

3
πr3pNp

)
(2.5)

where αp is the solid precipitate barrier strength parameter [18].
The primary state variable in the Hu-Cocks dislocation glide model is the number density

of pinning points per slip plane [14]. The dislocation mean free path value, as used in the
dislocation forest hardening expression Equation 2.3, is related to the pinning point number
density

Nd =
1

(Ld)2
. (2.6)

The evolution of the pinning point number density is defined on each slip plane, Ω, and
defined as a function of the coplanar slip system groups. The pinning point number density
is incremented in the usual fashion

NΩ
d = ∆NΩ

d +Ndo. (2.7)
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Correspondingly, the pinning point density increment is defined in a per slip plane, or per
coplanar group, basis, as the sum of the self plane and latent plane evolution,

∆NΩ
d = ∆NΩ

self +∆NΩ
latent. (2.8)

From Hu and Cocks [14, 18], the pinning point evolution due to interaction on the self slip
plane Ω is defined as

∆NΩ
self =

js
s
∆γΩ (2.9)

and the pinning point density evolution due to latent planes contribution is defined as

∆NΩ
latent =

∑
ω ̸=Ω

j

s

1

(m− 1)
∆γω (2.10)

where m is the number of slip planes and is defined as four for FCC crystals. The coefficient
ratio js/s is the combined self-hardening coefficient and j/s is the latent hardening combined
coefficient ratio. [14]. The shear strain increment ∆γΩ on each slip plane Ω is the sum of
the shear strain increments on all of the active coplanar slip systems that share plane Ω

∆γΩ =
∑
α∈Ω

∆γα. (2.11)

The updated pinning point number density is then used to compute the forest dislocation
hardening contribution. Substituting Equation 2.6, the relationship between pinning point
density and the dislocation mean free path, into Equation 2.3, the forest hardening expression
can be rewritten in terms of the pinning point density

gαd = αdGb
√
NΩ

d

∣∣∣
α∈Ω

(2.12)

Because the pinning points are computed on a per plane basis while the slip resistance is
computed on a per slip system basis, the forest hardening calculation will use the same value
of NΩ

d for all slip systems α that share the slip plane Ω.

2.1.2 Demonstration examples

The implementation of the Hu-Cocks dislocation glide crystal plasticity model is demon-
strated with a simulation in which the solid precipitate radius and number density variation
are prescribed. The single stainless steel crystal is loaded in tension along the [001] crystallo-
graphic direction, which is aligned with the z-axis of the simulation domain, with a traction
boundary condition corresponding to 175 MPa applied to the front surface, along the [001]
crystallographic direction. Pinned displacement boundary conditions are applied to the back
surface of crystal, such that the crystal is allowed to contract along the x- and y-axes, in the
[100] and [010] crystallographic directions, respectively. Elastic constants for 316 stainless
steel and parameters from the original model publications are used [14, 18].

As seen in Figure 2.1, the prescribed smaller precipitate radius and lower number density
lowered the crystal slip system strength via the physics contained in Equations 2.2 and
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(a) Larger precipitate radius, number density (b) Smaller precipitate radius, number density

Figure 2.1: This demonstration simulation shows the expected lowering of a representative
crystal slip system strength in response to prescribed reductions in the precipitate radius
(from 1.0 µm to 0.77µm) and number density (from 6e-8 1/mm3 to 5.87e-8 1/mm3). Under
a tensile load applied in the [001] direction, the Lagrangian strain value, zz-component,
increases in response to the lower precipitate hardening contribution. The [100] and [010]
crystallographic directions are aligned with the x- and y-axes, respectively.

2.5. The reduced slip system strength lowers the barrier to dislocation motion, resulting
in additional dislocation glide and plastic deformation. As expected, the Lagrangian strain
component in the loading direction increases in response to the reduced slip system strength
from Figure 2.1a to Figure 2.1b, while the applied tensile traction load remains constant.

A set of verification cases was also performed with the implemented Hu-Cocks dislocation
glide model. As in the demonstration case, Figure 2.1, a single crystal in a short bar geom-
etry was pinned on the back z-plane (normal to the negative z-axis direction) and loaded
with a surface traction applied to the front z-plane; the applied tensile stress load was along
the positive z-axis. Elastic constants for wrought 316 stainless steel and crystal plasticity
parameters from the original model publications [14, 18] were also used in these simulations.
To verify the stress response trends of the dislocation glide model, three separate crystallo-
graphic orientations were simulated: [111], [110], and [001]. Three different stress loading
rates were also applied: 25, 35, and 45 MPa/s, for the first 10 seconds of the simulations.
After the initial loading ramp, the applied stress load was held constant at a terminal value
of 250, 350, and 450 MPa, respectively.

The expected trends of a higher yield stress for the [111] loading orientation, compared
to the [110] and the [001] orientations, are clearly demonstrated in Figure 2.2. Because
these loading rates are high, many of the simulations did not reach the terminal stress load
value. These simulations did, however, demonstrate plastic deformation. In Figure 2.2a,
only elastic deformation is observed in the [111] orientation curve because the yield stress
for the [111] orientation is above the 250 MPa terminal load value for this case. Numerical
convergence issues significantly impacted the simulation run time once plastic deformation
begins. Addressing the source of these run time challenges is a key focus in the near-term
future.
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(a) Applied 25 MPa/s Ramp (b) Applied 35 MPa/s Ramp (c) Applied 45 MPa/s Ramp

Figure 2.2: Results from verification cases under three different tensile load ramp conditions.
Variations in loading orientations demonstrate the expected stress response trends from the
Hu-Cocks dislocation glide model: the [111] loading orientation yield stress is larger than
the yield stress of the [110] and the [001] loading orientations.

2.1.3 Future work

Submission of this implemented Hu-Cocks crystal plasticity model to the MOOSE reposi-
tory [13] is planned as near-term future work. The dislocation glide crystal plasticity model
will also be extended to connect to the volumetric eigenstrain for irradiation swelling, Sec-
tion 2.2, and a dislocation climb model, Section 2.3, linking together multiple physical pro-
cesses for irradiation creep. Continued development to extend the approach for incorporating
hardening due to solutes and precipitates while these features undergo evolution is another
potential future work focus, in collaboration with efforts led by LANL.

2.2 Irradiation swelling eigenstrain model

The formation and evolution of voids in an irradiated material produces a volume change,
known as irradiation swelling, and this phenomenon occurs in materials at intermediate
temperatures when exposed to radiation doses [4]. Void growth can be thought of the
incorporation of free volume outside of the material into the material itself by defect transport
mechanisms. For a void to grow, atoms that were within the volume enclosed by the void
are transported away from the void and generally are transported to sinks such as surfaces
and grain boundaries [2]. While much research has been devoted to predicting void evolution
[19] and swelling behavior of the material [4], high-fidelity predictions of the impact of void
swelling on the crystal mechanical response has not been as fully explored. The influence of
void swelling is known to impact the mechanical properties of irradiated materials; the impact
on the mechanical behavior increases with additional irradiation swelling [6]. The volume
change due to void evolution can be represented as an isotropic volumetric eigenstrain. This
eigenstrain in turn elicits a stress response, which may produce plastic deformation and
history dependence in a metallic crystal material, such as stainless steel.

This section presents an overview of the volumetric eigenstrain implemented in the
MOOSE crystal plasticity capability, followed by a series of verification cases, and con-
cludes with a summary of proposed future work to couple this eigenstrain model to a cluster
dynamics framework.
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2.2.1 Mathematical formulation and implementation

The volumetric eigenstrain imposed on the material due to voids is calculated as a function
of the void volume. In this initial implementation, we assume the voids are spherical and
the void characteristics, radius and number density, are uniform at a finite element method
integration point. The volume change due to voids is given as

∆V

Vo

=
4π

3
r3ρv (2.13)

where r is the void radius and ρv is the number density [19]. Consistent with the crystal
plasticity implementation described above, we assume units of mm and 1/mm3 for the radius
and number density, respectively. The volumetric strain is converted to an equivalent linear
measure following the well-accepted practice of taking the cubic root. The current equivalent
linear strain increment is calculated as the difference between the current linear measure and
the linear measure from the previous time step. That increment is multiplied by the Rank-2
identity tensor to calculate the linear expansion tensor,

∆ϵv = I ·∆l = I ·

(∆V

Vo

∣∣∣∣
t

)1/3

−

(
∆V

Vo

∣∣∣∣
(t−1)

)1/3
 . (2.14)

The volumetric eigenstrain is incorporated into the MOOSE crystal plasticity framework
through the multiplicative decomposition of the deformation gradient tensor,

FT = FeFPFv (2.15)

where the superscripts T, e, P, and v indicate the total, elastic, plastic, and volumetric de-
formation gradients, respectively [20, 21]. The volumetric deformation gradient is calculated
as a function of the linear expansion tensor, Equation 2.14, which is first rotated into the
local crystal orientation:

Fv =
(
ϵRv
)−1

Fv
old where ϵRv = I−∆ϵvR (2.16)

where Fv
old is the volumetric deformation from the previous time step and R is the rotation

tensor defined by the crystal orientation Euler angles. Finally, the Lagrangian eigenstrain is
defined as a function of the volumetric deformation gradient, following the approach defined
for thermal eigenstrains in a crystal plasticity formation [22]:

Ev =
1

2

(
(Fv)T Fv − I

)
. (2.17)

The use of the deformation gradient in the eigenstrain calculation ensures the material
history dependence is retained. Maintaining this history dependence enables the coupled
crystal plasticity model to respond to the applied eigenstrain with both an immediate stress
increase and a longer-term stress relaxation response.
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2.2.2 Verification cases

The volumetric eigenstrain model for void swelling was tested with a series of simple verifica-
tion cases. The results of these verification simulations demonstrate the computed eigenstrain
and stress response are in agreement with the expected behavior. These verification simu-
lations considered a 1 mm3 single crystal cube. The [100], [010], and [001] crystallographic
directions are aligned with the x-, y-, and z-axes, respectively. Displacement boundary con-
ditions were applied such that the crystal was constrained in the z-direction and allowed to
expand in the x- and y-directions in response to the applied eigenstrain. Void number den-
sity and radius evolution were connected to the applied temperature, which was increased
at a rate of 10oC/min and then held constant, see Figure 2.3.

The simpler Kalidindi crystal plasticity model for FCC materials [8] was used in these
verification simulations, in place of the Hu-Cocks model described above. Elastic constants
for 316 stainless steel are used in these simulations, without temperature dependence, to
isolate the stress response sensitivity to the applied eigenstrain.

x

y

z

Figure 2.3: Constraints applied in the verification simulations included pinned displacement
boundary conditions applied on the front z-direction face shown in grey (left) and applied
temperature profile (right).

Only the void characteristics change with temperature in these simulations, and a uniform
void distribution is maintained throughout the material cube. The prescribed variation of
the void number density and radius for the series of verification cases is shown in Figure 2.4;
the last case, Figure 2.4e, is loosely based on data collected for the average void diameter and
total volume fraction in 316 stainless steel under varying neutron doses and temperatures
[1].

Each verification begins with an extreme void number density value to show the effect
of the introduced eigenstrain; in all cases but Figure 2.4c, this initial void number density
value is zero.

The calculated linear expansion strain and void eigenstrain vary during the prescribed
temperature ramp (the first 25 minutes in the simulation). After the temperature ramp, when
the void characteristics are held constant, the linear expansion and eigenstrain measures also
remain constant. In Figure 2.5, the evolution of these two strain measures is only shown
over the course of the temperature ramp. Because the temperature ramp is constant, see
Figure 2.3, temperature is used as a proxy for time in these plots.

We note the history-dependence in the eigenstrain calculation: the difference between the
linear expansion strain and the eigenstrain evolution is clearest in Figures 2.5b, 2.5d, and
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(a) Constant void density (b) Linearly increasing density (c) Linearly decreasing density

(d) Parabolic void number density (e) Representative density, radius

Figure 2.4: Prescribed void number density and radius evolution for the void swelling eigen-
strain verification cases, increasing in complexity. The fifth case (e) is loosely based on data
from [1].

(a) Constant number density (b) Linearly increasing density (c) Linearly decreasing density

(d) Parabolic void number density (e) Representative density, radius

Figure 2.5: Evolution of the state-independent linear expansion strain (blue curves with
markers) and history-dependent void swelling eigenstrain (yellow curve, no markers) with
temperature for the five verification cases.

2.5e. While the linear expansion strain is only a function of the void state, Equation 2.14,
the dependence on the previous time step deformation gradient, Equations 2.16 and 2.17, in-
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troduces a state dependence into the eigenstrain. The incomplete recovery of the eigenstrain
state, Figures 2.5d and 2.5e in particular, demonstrate the influence of plastic slip history
from the coupled crystal plasticity model.

The long-term stress response to the induced void swelling eigenstrain is of interest for
irradiation creep modeling applications. To investigate the influence of the history-dependent
void eigenstrain on the crystal plasticity stress response, we continued the simulated hold
period of 10 hours after the temperature ramp, Figure 2.3. In Figure 2.6, the second Piola-
Kirchhoff stress in the constrained (z-axis) direction is plotted over a simulation period of
10.5 hours. The eigenstrain due to the voids is shown immediately below the stress response
for reference.

The initial stress response in Figure 2.6 reflects the compressive or tensile stress state
imposed by the eigenstrain. A tensile stress corresponds to a reduction in the applied eigen-
strain, see Figure 2.6c. After the eigenstrain ceases to evolve, at approximately 0.4 hours, an
immediate decay in the stress response occurs in all five cases. Notably, all of the verification
cases demonstrate a nonzero steady-state stress response. The plastic deformation induced
by the void swelling eigenstrain impacts the material stress state over creep-regime time
frames, even after the swelling eigenstrain itself is no longer evolving. We conclude that it
is necessary to include a history-dependent eigenstrain model for irradiation void swelling in
simulations of stainless steel under irradiation creep conditions to better capture the stress
state experienced by the material.

2.2.3 Future work

Development efforts will be completed in the near-term future to finalize the coupling between
the void swelling eigenstrain model and the Hu-Cocks dislocation glide model, Section 2.1.
The next development steps for the void eigenstrain model will focus on improvements to the
void characteristic evolution descriptions. Future capabilities need to couple the MOOSE-
based crystal plasticity model described here to a cluster dynamics code to enable more
realistic void evolution and distribution predictions as well as dislocation loop populations.
The crystal plasticity eigenstrain model will be extended to allow for a variety of void states
in future development work. Future work may also include incorporating the role of local
pressure, within the radiation defect bubbles, on the material stress state, in addition to the
volume change model implemented here.

2.3 Dislocation climb model for irradiation creep

For constant stresses below the material yield strength and temperatures above 30% of the
homogeneous melting temperature, steady-state creep in a crystalline metal occurs through
dislocation climb by lattice diffusion and dislocation core (pipe) diffusion [5]. The dominant
dislocation climb mechanism in austenitic stainless steel is core diffusion [23]. When the
glide path of a dislocation is blocked by an obstacle in the slip plane, dislocation climb is one
of the mechanisms used to relieve stress. Dislocation climb is a non-conservative dislocation
motion in which the dislocation moves out, or climbs out, of the glide slip plane. Climb is
mediated by the diffusion of point defects near the dislocation core such that the dislocation
moves by increments of an atom spacing away from its original slip plane [11]. The velocity
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(a) Constant void number density (b) Linearly increasing void density

(c) Linearly decreasing void density (d) Parabolic void number density

(e) Representative density, radius variation

Figure 2.6: The stress response of the crystal plasticity model in the constrained direction
(zz-component) demonstrated two stages: an immediate response to the void eigenstrain
and longer-term steady-state behavior after the eigenstrain is no longer evolving. The corre-
sponding component of the void eigenstrain is shown on the same timescale for reference in
each verification case. The nonzero steady-state stress response in all five verification cases
demonstrates the impact of the eigenstrain in irradiation creep applications.

of dislocation climb is related to the time required for a dislocation to move sufficiently above
(or below) the obstacle that dislocation glide is once again possible [5]. Because of the point
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defects created by atom displacement during radiation exposure, irradiation creep is less
dependent on temperature than thermal creep [5].

To model dislocation climb, the climb velocity is related to the flux of interstitial and
vacancy defects around the dislocation core [5]. Varying assumptions are made to simplify
or expand the relationship between the point defect flux and the constitutive dislocation
climb law. This section discusses the potential impact these simplifying assumptions may
have on the applicability of a dislocation climb model to irradiation creep conditions and
outline planned future work for the implementation of a dislocation climb model.

2.3.1 Mathematical formulation

Existing crystal plasticity formulations have employed an additive decomposition of the shear
rate to account for both dislocation glide and climb activation:

γ̇Total = γ̇glide + γ̇climb. (2.18)

Some crystal plasticity formulations have defined specific dislocation climb densities that
evolve through an Orowan relationship with a dislocation climb velocity [15, 17]. Other
models have focused on simpler recovery-type formulations [24].

The Hu-Cocks stainless steel crystal plasticity model has been extended through the
minimization of the variational energy to include a dislocation climb recovery term [25, 26]:

L̇Ω
d−climb =

WcDcGb5

kT

1

(LΩ
d )

3 (2.19)

where LΩ
d is the mean free glide path between forest dislocations, see Equation 2.6, Wc

is a fitting parameter, Dc is the core diffusivity, k is the Boltzmann constant, and T is
the temperature. We note the role of the fitting parameters in Equation 2.19, which are
used to replace the point defect flux through the dislocation core [25]. The simplified model
formulation does offer advantages in reduced computational load. The removal of the explicit
connection between the point defect flux and the dislocation climb model raises some concerns
about the applicability of this particular expression to irradiation creep applications. Under
irradiation conditions, maintaining the sensitivity of the dislocation climb model to evolving
point defect population is important.

2.3.2 Future work

Additional work is required to reconcile the coplanar pinning point recovery approach of
Hu and Cocks with a more direct connection to the point defect population in the stainless
steel crystal. Such a connection would enable simulations that capture the response of creep
behavior to point defect populations evolving under irradiation conditions. This goal could
be accomplished with coupling to a cluster dynamics code, as has been discussed previously
in Section 2.2.

Once an appropriate dislocation climb relationship has been derived, the model will be
implemented into MOOSE. A similar verification procedure to that discussed in previous
sections of this report will be completed before the model is submitted to the open-source
MOOSE repository [13].
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2.4 Conclusions

The three mechanistic-based models presented here form the initial development results to-
wards a crystal plasticity model for irradiation creep in 316 stainless steel. These mechanisms
were selected for model development because of their role in the behavior of the austenitic
stainless steel under irradiation. The ability to couple the crystal plasticity model devel-
oped here with additional model developments in other work packages and to other codes
will expand the number of mechanisms affecting irradiation creep that are considered in
the simulations. The proposed coupling between the MOOSE-based crystal plasticity model
and a cluster dynamics code will improve the irradiation creep simulations through more
physically-based predictions of the irradiation point defect and void evolution.

The work presented here provides the basis of understanding irradiation creep in AM
316 stainless steel. Determination of irradiation creep mechanisms is still an area of active
research, and this work will impact the scientific field of radiation effects in materials. In
addition, future work will incorporate the effect of unique microstructure features in the
material, resulting from additive manufacturing. Additive manufacturing frequently creates
complex grain structures, such as elongated columnar grains and dislocation cell structures
within individual grains. In addition, AM materials are subject to process variation that
can result in different grain structures, dislocation cell sizes, and contaminates, such as
oxygen, that can form fine precipitate structures through the material. Irradiation creep is
dependent upon the microstructure of the material, including how the density of dislocations
affect creep rate and creep rate evolution. This model development and implementation
will enable prediction of irradiation creep behavior with this unique microstructure, and by
extension, the modeling capability will provide for an understanding of the effect of additive
manufacturing process variation on irradiation creep. Understanding the impact of process
variation, microstructure variation, and thereby irradiation creep properties, is vital for rapid
qualification of materials for deployment.
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3 Initial framework development for precipitate nucleation in AM 316H

3.1 Introduction

Austenitic stainless steels (SS) such as 316 SS are important structural materials for nuclear
applications due to their great combination of mechanical strength, ductility, and corrosion
resistance. Recent advances in additive manufacturing (AM) techniques such as laser powder
bed fusion (LPBF) provides new solutions to design and manufacture components with rapid
and more cost-effective processing cycle as well as flexible geometry. Importantly, compared
to conventionally made steels, LPBF 316 SS materials has great combination of strength and
ductility at room temperature[27]. The improved mechanical properties have been attributed
to grain boundary strengthening due to fine dislocation cell structures with solute micro-
segregation uniquely formed during AM processes [28]. Most hypotheses and theories about
the formation of these crystallographic defects point to the role of complex local stress
states and rapid local heating and cooling cycles [29]. Together, these conditions can lead
to particularly complex defect networks of dislocations and heterogenous distributions of
precipitates. These can significantly influence the mechanical performance of the LPBF 316
SS components.

Establishing a rapid qualification framework for LPBF 316 SS is one of the key focuses of
the DOE-NE Advanced Materials and Manufacturing Technologies (AMMT) program. Over
the past year, the program has supported the development of mechanistic models of creep
and aging for time extrapolation in LPBF 316 SS. The current framework however does not
yet integrate the role of precipitation on mechanical performance. Further, state-of-the-art
approach for precipitate nucleation utilizes the classical nucleation theory and regular solid
solutions for complex alloys (i.e. commercial software such as TC-PRISMA and MatCalc)
which is agnostic to internal and externally applied mechanical loads. Therefore, while
successful in capturing the effects of chemical composition and temperature on nucleation
kinetics and driving forces, simple nucleation models cannot comprehensively capture the
effects of local stresses on the nucleation process. Specifically, previous approaches rely on
experimental data to quantify a “correctional” pressure-dependence energy which is added to
the total free energy of the system. This would underestimate/overestimate the nucleation
rate of precipitates; thus preventing the model from precisely capturing the evolution of the
micro-structure.

We further note that as a consequence of the build process, AMed metals will exhibit
internal stress that vastly differ from conventionally made materials. Thus precipitation
kinetics as well as fingerprint of precipitates are expected to be dissimilar from those in
conventionally made metals. Unfortunately, to date there is no model can capture those
effects.

In this past fiscal years, focus was placed on developing a new nucleation model to
systematically quantify the effects of local stress on the (i) activation barrier for precipitation
nucleation and (ii) the critical size of unstable nuclei. The framework is applied to the case
of stainless steel (SS) 316. A first demonstration is brought to the case of a model Fe-Cr
precipitate.

This report presents (i) a brief review of existing/classical precipitate nucleation mod-
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els, (ii) a new nucleation model (formulation and implementation), and (iii) a comparison
between the new stress-sensitive nucleation model and predictions from classical nucleation
theory.

3.2 Review of existing precipitate nucleation models

Over the years, many tools with resolution ranging from the atomistic scale all the way to
macroscopic length scales have been proposed to model precipitation in alloys. Atomistic
approaches and methods such as Kinetic Monte Carlo (KMC) provide atomic resolution
information about the mechanisms and associated driving forces for nucleation to occur.
However, due to their cost, they cannot embed the effects of long-ranged mechancial fields
on precipitation. Cluster dynamics approaches propose to coarse grain information gathered
at the atomistic lengths scalel; they are thus promising methods to fully comprehend con-
current precipitation. However, absent a rigorous treatment of the effects of stresses on the
capture efficiency, one cannot predict how internal stress will affect precipitation kinetics.
Moreover, these approaches are currently not compatible with thermodynamics database
such as CALPHAD (CALculation of PHAse Diagram) that contain essential information for
multicomponent material systems. On the other hand, mesoscale and macroscale techniques
such as phase field (PF) and Langer–Schwartz–Kampmann–Wagner (LSKW) can be coupled
with CALPHAD database to determine the comprehensive process from nucleation, growth,
and coarsening. These models require nucleation laws that can describe the nucleation rate
of stable nucleii as a function of temperature, nominal and precipitate compositions, as well
as pressures. Specifically, the common approach for precipitate nucleation commercial pack-
ages such as TC-PRISMA utilizes the classical nucleation theory (CNT) and regular solid
solutions for complex alloys [30]. The following paragraph briefly discusses the nucleation
model implemented in TC-PRISMA.

3.2.1 Overview of the nucleation model implemented in TC-PRISMA

The first assumption of the CNT model is that the system can be partitioned into a one-
dimensional 1D Markov chain characterized by the size n of the largest droplet [31]. Based
on this assumption, the steady-state nucleation rate (Js) can be determined via the solution
of the Markov chain:

Js = Zβ∗No exp

(
−∆G∗

kT

)
(3.1)

with:

Z =

(
η

2πkBT

)
(3.2)

η = − ∂2∆G(r)

∂n2

∣∣∣∣
r=r∗

(3.3)

where Z is the Zeldovich factor, which captures the effects of the curvatures of the free-
energy barrier; N0 is the number of nucleation sites per unit volume; r is the nucleus radius,
β∗ is the atomic attachment rate of atoms to the critical nucleus; kB is the Boltzmann’s
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constant; and T is the temperature of the system. ∆G∗ is nucleation energy barrier, which
is the Gibbs free energy to form a critical nucleus with size r∗. The second assumption of
the CNT model is that even at micro/nano -scale, the free energy can be written as the
competition between the bulk and the interfacial free energies:

∆G =
4

3
πr3∆gchem + 4πr2γ (3.4)

where gchem is the difference in chemical free energy between the nucleus and the matrix,
γ is the surface tension of the interface between the nucleus and the surrounding matrix,
which often time assume to be the interfacial energy. The first term describes a volumetric
term associated with difference in the chemical energy of atoms vis a vis a reference bulk
where the nucleus is assumed to be spherical with a radius r. The second term captures
the additional energy penalty due to the surfaces generated between the nucleus and the
surrounding matrix. With this expression, one can solve for the critical radius of the nucleus
by solving this system of equations:

∂(∆G)
∂r

∣∣∣
r=r∗

= 0

∂2(∆G)
∂r2

∣∣∣
r=r∗

< 0
(3.5)

These define an equilibrium and stable configuration. This gives the critical radius and
corresponding nucleation energy barrier:

rc =
2γ

∆gchem
(3.6)

∆G∗ =
16πγ3

3∆gchem2
(3.7)

For a binary systems of α (matrix) and β (precipitate) where each phase can contain up
to k elements, the atomic attachment rate can be determined via:

β∗ =
4π(r∗)2

a4

 k∑
i=1

(
x
β/α
i − x

α/β
i

)2
x
α/β
i Di

 (3.8)

where x
β/α
i and x

α/β
i is the mole fraction of component ith at the interface in the precipitate

and matrix, respectively; Di is the diffusion coefficient of element ith in the matrix. With
Eqs. 3.6-3.8, the steady-state nucleation rate can be determined using Eq. 3.1. Moreover,
the time-dependent nucleation rate can also be determined using:

J(t) = Js exp
−τ
t

(3.9)

where t is the time and τ is the incubation time for the nucleation which is given by:

τ =
1

4πβ∗Z2
(3.10)
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3.2.2 Limitations of current nucleation model

While the current nucleation model implemented in TC-PRISMA can utilize the compre-
hensive CALPHAD thermodynamics database for multicomponent material systems, it lacks
consideration for the effects of local stress on the precipitate nucleation process due to CNT
assumption. Specifically, as shown in Eq.(4) for CNT, there is no explicit term which ac-
counts for the effects of applied stress on the Gibbs free energy of the system. One of the most
common approaches to overcome this is to include the ”correctional” pressure-dependence
energy to ∆Echem by fitting to experimental data [32]. This approach is purely empirical
and would require refitting the ”correctional” energy term for each new alloy system. Im-
portantly, this approach only accounts for the effects of hydrostatic pressure and completely
disregard the effects of deviatoric stresses, which have been shown to greatly influence the
precipitate nucleation process [33] in SS. Another approach is to add a third energy term
to Eq.(4) which corresponds to the elastic strain and misfit strain energy (related to the
difference in density and elastic stiffness between the matrix and the precipitate) [34]. The
implementation of this approach is often simplified by utilizing the previous derivations for
the strain energies without a comprehensive micromechanics and thermodynamics treat-
ment. In the following section, a comprehensive overview of developed nucleation model
that is sensitive to the effects of local stress on both (1) the elastic strain energy (related to
the phase and local composition) and (2) the transformation strain energy (related to the
eigenstrain required for the formation of the precipitates) is provided.

Another drawback of the TC-PRISMA nucleation model is that the chemical driving
force (∆gchem) is calculated based on the assumption that the volume of the nucleus is
much smaller than the volume of the matrix [30]. Specifically, the nucleus’ composition
and corresponding ∆gchem for a binary alloy can be determined via the parallel tangent line
constructions. With this set-up, we get the maximum driving force for precipitation, and
the composition of the nucleus is fixed for a certain supersaturation

∆gchem =
k∑

i=1

xβ
i

[
µα
i

(
x0
i

)
− µi

β
(
xβ
i

)]
(3.11)

where µα
i and µβ

i are the chemical potentials of element ith in the matrix and precipitate,
respectively. x0

i and xβ
i are the mole fraction of element ith in the matrix and precipitate,

respectively. The mole fraction in the matrix is assumed to be the original mole fraction
(associated with the nominal concentration) regardless of the size of nucleus to avoid the
complication in numerical approach. The overall assumption here is that the volume of
the nucleus is much smaller than the volume of the matrix. In this work, a new numerical
approach is developed to determine the mole fractions in both the matrix and precipitate
for the ranges of nucleus and matrix sizes.

3.3 Nucleation model sensitive to local stress

To understand the role of stresses on precipitate nucleation, the configuration shown in Fig.
3.1 is shown where a precipitate nucleus is formed within the matrix under an applied stress.
Chemically, the system is assumed to be binary with two elements (A and B) and two
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stable phases (α and β), where α is a A-rich phase and β is a B-rich phase. The system
contains N moles and the precipitate contains ∆N moles. xα

A and xβ
A are the mole fractions

of component A in the matrix and precipitate, respectively. Here, the nucleus is assumed to
be a sphere with radius R, which is consistent with CNT framework. R can be related to ∆N

by ∆N =
4
3
πR3

V β
m

, where V β
m is the molar volume of the precipitate. These choices simplify the

analysis but do not limit the framework as it can be expanded to multi-component systems
with more complex precipitate shape and geometry.

Figure 3.1: Configurations of the precipitate nucleus with radius R inside the matrix

The objective is to map out the Gibbs free energy landscape of the configurations with
respect to the applied stress (both the hydrostatic and deviatoric components), temperature,
nucleus size, and nominal concentration. This allows calculating the difference in free energy
between a configuration with a nucleus of a specific size under applied stress and that of
non precipitated matrix. This change in the Gibbs free energy between the two systems
determines whether it is energetically favorable for the nucleus to form and grow. From
this, the steady state and transient nucleation rates can be determine as shown in previous
section.

3.3.1 Eshelby inhomogeneous inclusion treatment of the precipitate nucleus

To determine the mechanical fields within the precipitate nucleus, the standard approach
proposed by Eshelby is adopted where the β nucleus is treated as an inhomogeneous inclusion
with elastic constants (C∗

ijkl) embedded in a matrix with constants (Cijkl) as seen in Fig.3.1.
In addition, there is a transformation eigenstrain εtrkl, which is the required strain for the
formation of the precipitate. This strain is expected to vary depending on the state of
coherency of the second phase. In what follows, the general Eshelby treatment for the
inhomogeneous inclusion problem will be discussed. More details can be found in [35].
While the model relies on simplifying assumptions such as linear elasticity and small strains,
it can be used to qualitatively demonstrate the role of stress on the precipitate nucleation.
Importantly, this approach captures both the effect of the inhomogeneity (differences in
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elastic stiffness between the matrix and the precipitate) and the misfit strain (by accounting
for the strain required for transformation). Einstein summation convention over repeated
indices is utilized for all expressions in the following discussion. For a system under a uniform
strain εo due to the uniformly applied stress σo, the stress inside the inhomogeneous inclusion
can be equivalently written as:

σo
ij +∆σij = C∗

ijkl

(
εokl +∆εkl − εtrkl

)
(3.12)

where ∆σ and ∆ε are the deviations to the stress and strain caused by the inhomogeneous
inclusion. The transformation strain (εtr) is the strain accommodating for the lattice misfit
between the matrix and the precipitates. One approach to solve the inhomogeneous inclu-
sion problem is to use the equivalent homogeneous inclusion with an additional fictitious
transformation strain (ε∗) which is determined via the use of the Eshelby solution. The
stress inside the inhomogeneous inclusion then can be rewritten as:

σo
ij +∆σij = Cijkl

(
εokl +∆εkl − εtrkl − ε∗kl

)
(3.13)

Importantly, the deviation of the strain due to the inhomogeneous inclusion is related to
the sum of the transformation and fictitious strains ε∗∗mn = (εtrmn + ε∗mn) such as:

∆εkl = Sklmnε
∗∗
mn (3.14)

where Sklmn is the Eshelby tensor. Here, the inhomogeneous inclusion is assumed to be a
sphere and the standard Eshelby solution dictates that the stress field is homogeneous for
an ellipsoidal-shaped inclusion [35]. Substituting the difference in elastic stiffness tensor as
∆Cijkl = C∗

ijkl − Cijkl, one can derive the following equation:

(∆CijklSklmn + Cijmn) ε
∗∗
mn = −∆CijklC

−1
klmnσ

o
mn + C∗

ijklε
tr
kl (3.15)

where Sklmn is the Eshelby tensor, which has an analytical solution for spherical precipitates.
Importantly, this expression allows one to determine the fictitious strain (ε∗) and thus cal-
culate, the deviations to the stress and strain (∆σ and ∆ε) caused by the inhomogeneous
inclusion given the applied stress tensor. With those deviations in stress and strain, one can
obtain the elastic fields inside the precipitates as a function of the applied stress tensor that
can contain both the hydrostatic and deviatoric components.

3.3.2 Determination of nucleus’ composition via parallel tangent construction

In this section, the standard chemical potential is expanded into the chemo-mechanical po-
tential to capture both the effects of chemical compositions and stress on the Gibbs free
energy. An improved algorithm for the parallel tangent construction to determine the ac-
tivation barrier is discussed where the mole fraction and corresponding chemo-mechanical
potential of the matrix can be calculated (instead of assuming to be a constant related to
the nominal concentration). The Gibbs free energy of the homogeneous system of phase α
under a constant applied stress state σo and temperature T can be approximated by:

Gα (σo, T ) =
∑
i=A,B

να
i (σo, T )N

α
i (3.16)
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where

να
i (σo, T ) = µα

i (T ) +
V α(T,Nα

i )

2
σo : S

α (T, xα
i ) : σo (3.17)

Here, να
i (σo, T ) is the chemo-mechanical potential that includes both the chemical poten-

tial (µα
i (σo, T )) and the elastic strain energy density. Nα

i is the number of mols of component
ith in phase α, V α is the volume of phase α which equals to the total volume of the system
in this case, Sα is the elastic compliance tensor of phase α, which depends on both the
temperature of the system and the mole fractions. For simplicity, Sα and V α are assumed to
be linearly dependent on the mole fractions/concentrations. Normalizing the above equation
by the number of mols (N) gives the molar Gibbs free energy:

Gα (σo, T )

N
=
∑
i=A,B

µα
i (T )x

α
i +

V α
M(T, xα

i )

2
σo : S

α (T, xα
i ) : σo (3.18)

where V α
M is the molar volume of phase α, which also depends on the temperature and the

mole fraction of each component within phase α. The chemical potential is calculated by:

µα
A (T ) = µα

A,o (T ) + (1− xα
A)

2 (ωα
A + 2xA (ωα

B − ωα
A)) +RTln (xα

A) (3.19)

where ω is called the interchange energy (or the Margules interaction parameter). Specif-
ically, it accounts for the correction in interaction energies between each atom with sur-
rounding atoms in the solid solutions. Here, the asymmetric solution model is used with
four independent interchange energies ωα

A, ω
α
B, ω

β
A, and ωβ

B. This allows us to capture the
complex G-x curve behavior of Fe-Cr system as shown later in the result. The difference in
chemical potential is often referred to as the diffusion potential, Mα

BA, defined as [36]:

Mα
BA = µα

B − µα
A =

∂

dxα
A

(
Gα (σo, T )

N

)
(3.20)

This difference in chemical potential arises because the process of changing the mole fraction
requires the addition or removal of a B atom and simultaneously the removal or addition of
an A atom, respectively, and the corresponding energy change results in the differences in
the chemical potentials. For a critical nucleus in (unstable) equilibrium with the surrounding
matrix, the diffusion potentials between the two must be the same:

Mα
BA = Mβ

BA (3.21)

This condition states that species can change phase at not cost to the systems energy.
Note however that each of the specie has not reached a true thermodynamic equilibrium.
Substituting Eqs. 3.18, 3.19, and 3.20 in, we have:

µα
A,o (T )− µα

B,o (T ) +RTln

(
x́α
A

1− x́α
A

)
+ (1− x́α

A)
2 (ωα

A + 2x́α
A (ωα

B − ωα
A))

− (x́α
A)

2 (ωα
B + 2 (1− x́α

A) (ω
α
A − ωα

B)) +
∂

dx́α
A

(
VM(T, x́α

A)

2
σo : S

α (T, x́α
A) : σo

)
=

µβ
A,o (T )− µβ

B,o (T ) +RTln

(
x́β
A

1− x́β
A

)
+
(
1− x́β

A

)2 (
ωβ
A + 2x́β

A

(
ωβ
B − ωβ

A

))
−
(
x́β
A

)2 (
ωβ
B + 2

(
1− x́β

A

)(
ωβ
A − ωβ

B

))
+

∂

dx́β
A

(
VM(T, x́β

A)

2
σi : S

β
(
T, x́β

A

)
: σi

)
(3.22)
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where x́α
A is the mole fraction of component A in phase α after the nucleus is formed. σi

is the stress state inside the precipitate, which was derived in the previous section. We can
further simplify the above equation into:

x́β
A =

x́α
A

K (1− x́α
A) + x́α

A

(3.23)

where

K = e
µ
β
A,o

(T )−µ
β
B,o

(T )−µαA,o(T )+µαB,o(T )−(1−x́αA)2(ωα
A+2x́αA(ωα

B−ωα
A))+(x́αA)2(ωα

B+2(1−x́αA)(ωα
A−ωα

B))
RT

e

(1−x́
β
A)

2
(ωβ

A
+2x́

β
A(ω

β
B

−ω
β
A))−(x́

β
A)

2
(ωβ

B
+2(1−x́

β
A)(ω

β
A

−ω
β
B)) ∂

dx́
β
A

VM(T,x́
β
A)

2 σi:S(T,x́
β
A):σi

− ∂
dx́α

A

(
VM (T,x́αA)

2 σo:S(T,x́αA):σo

)
RT

(3.24)

Even though the expression looks quite lengthy, K is a function of the mole fractions of both
the matrix and precipitate.
Further, we imposed mass conservation. This is expressed as follows:

NA = x́α
A (N −∆N) + x́β

A (∆N) (3.25)

Combining these two above equations, we end up with the nonlinear systems of equations
that we need to solve:x́α

A (N −∆N) +
x́α
A

K(1−x́α
A)+x́α

A

(∆N)−NA = 0

x́β
A −

x́α
A

K(1−x́α
A)+x́α

A

= 0
(3.26)

where NA is the number of A atoms in the matrix. For each precipitate radius, one can solve
for the mole fractions (x́α

A and x́β
A) or compositions of the matrix and the precipitate using Eq.

3.26. Since K is a function of those mole fractions, this system of equation is nonlinear and
has to be solved numerically using the Broyden method. Note that conventional approaches
only post process concentration evolution.

3.3.3 Energetic consideration of a binary system under an applied stress

The derived mechanical and chemical quantities are then used to calculate the difference
in Gibbs free energy between the system with and without the precipitate, which gives an
estimate of the energy barrier for the formation of the precipitate. The change in Gibbs free
energy due to the precipitate is given by

∆G = G1 −Go = E1 + Ech,1 + Γ− Eo − Ech,0 (3.27)

where Eo and E1 are the elastic strain energy of the systems without and with the precipitate,
while Γ is the total interfacial energy of the interfaces shared between the precipitate and the
matrix. Ech,0 and Ech,1 are the Gibbs chemical free energy of the systems without and with
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the precipitate. The Gibbs mechanical free energy of a medium undergoing a transformation
strain (εtrkl) under an externally applied stress (σo

ij) to form a precipitate is given by

E1 =
1

2

∫
D

(
σo
ij +∆σij

) (
εokl +∆εkl − εtrkl

)
dD −

∫
S

Fi (u
o
i +∆ui)dS (3.28)

where Fi are the components of the external surface traction, uo
i is the displacement if Fi

acts alone, and ∆ui is the displacement induced by the precipitate. D and S are the volume
and external surface of the medium, respectively. From the derivation by Mura [35], this
elastic strain energy of the system with the precipitate becomes

E1 =
1

2

∫
D

σo
ijε

o
ijdD −

1

2

∫
Ω

∆σijε
tr
ijdD +

1

2

∫
Ω

σo
ijε

∗
ijdD −

∫
S

Fi (u
o
i +∆ui)dS (3.29)

where Ω is the volume of the precipitate. Moreover, the Gibbs mechanical free energy for
the homogenous matrix is given by

Eo =
1

2

∫
D

σo
ijε

o
kldD −

∫
S

Fiu
o
idS (3.30)

Based on the previous section, the Gibbs chemical free energy of the homogenous medium
is:

Ech,0 =
∑
i=A,B

µα
i (σo, T )x

α
i (3.31)

Similarly, the Gibbs chemical free energy for the system with the nucleus with radius of R
(and number of mols ∆N) is:

Ech,1 =
N −∆N

N

(∑
i=A,B

µ́α
i (σo, T ) x́

α
i

)
+

∆N

N

(∑
i=A,B

µ́β
i (σo, T ) x́

β
i

)
(3.32)

Here, x́α
i and x́β

i are the mole fractions of the system. From Eqs 5-9, one can calculate
the change in normalized Gibbs free energy due to the inhomogeneous inclusion as:

∆G

N
=

N −∆N

N

(∑
i=A,B

µ́α
i x́

α
i

)
+

∆N

N

(∑
i=A,B

µ́β
i x́

β
i

)
−

(∑
i=A,B

µα
i x

α
i

)
+

4πR3

3N

(
−1

2
∆σijε

tr
ij −

1

2
∆σo

ijε
∗
ij + σo

ijε
tr
ij

)
+ 4πR2γ

(3.33)

Here, γ is the average surface energy. Importantly, this expression allows calculating the
minimum energy barrier required to stabilize an inhomogeneous inclusion as a function of
size and externally applied stresses.

3.4 Nucleation model results

The results reported in this section are determined using the model described in the previous
section for the Fe-Cr systems with the γ-Fe matrix and the σ precipitate. A majority of the
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discussion will focus on the effects of chemical potential and the combined chemo-mechanical
potential on the nucleation energy barrier, and corresponding nucleation rate. Two different
solid solution models are used to demonstrate the capability of our approach: ideal (with no
interchange energies, ω = 0) and regular solutions. The latter being more representative of
austenitic steels.

3.4.1 With ideal solution

3.4.1.1 Case 1: Chemical effects

As a first application of the model, pyCalphad was used to generated a G-X curve for
a model Fe-Cr system. Further, the quantification of the activation energy, critical and
stable radii will be made by considering only contribution from the chemical driving forces.
Figure 3.2 shows the free energy - mole fraction (G-X) curves for the Fe-Cr systems that
will be investigated in this work. We extract a simplified G-X curve from this dataset by
considering an ideal solution first (i.e. no spinoidal driving forces). Naturally, compared to
the G-X curve from PyCalphad, our ideal solid solution model only matches qualitatively
where the difference in Gibbs free energy between the precipitate (σ) and the matrix (γ−Fe)
changes from negative to positive as the Cr concentration is increased. The parameters for
the model can be found in Table 3.1. Here, the system contain 1 billion atoms, and the
nominal concentration of Cr is 20%. α phase denotes the matrix (γ − Fe) and β phase
represents the σ precipitate.

Figure 3.2: Free energy - mole fraction curves for (Fe-Cr) systems from (a) pycalphad and
(a) ideal solution model

Table 3.1: Ideal solid solution model parameter

Parameter Value Unit
µα
Fe -5 kJ/mol

µα
Cr 1 kJ/mol

µβ
Fe -1 kJ/mol

µβ
Cr -3 kJ/mol
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Figure 3.3 demonstrates the dynamic nature of our approach where the change in Gibbs
free energy can be determined and tracked as a function of the nucleus size.

Figure 3.3: Ideal solution models for (Fe-Cr) systems with updating concentrations as a
function of the precipitate nuclei of (a) 12 nm, (b) 26 nm, and (c) 40 nm

Instead of fixing the composition matrix to be the nominal concentration (in the con-
ventional tangent construction method), our method allows updating the composition and
corresponding diffusional potential (slope of the G- curve) depending on the size of the
precipitate nucleus. As a result, not only the critical radius (corresponding to the local
maximum of the G-x curve) but also the stable radius of the precipitate can be determined.
Importantly, the results from our method are insensitive to the choice of matrix/precipitate
volumes, which is not the case for conventional tangent construction method.

Figure 3.4 (a) shows the difference in Gibbs free energy between the systems with and
without the precipitate and the enlarged portion of the local maximum of the curve represent-
ing the critical radius and corresponding activation energy barrier. With only considering
the chemical driving force, the critical radius is approximately 9 nm with the energy acti-
vation barrier of about 403 eV, which is extremely high. Fig 3.4 (b) shows the reduction
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in mole fraction of Cr in α and β phases for larger precipitate, which can only be obtained
using our updated method.

Figure 3.4: (a) Difference in Gibbs free energy between the systems with and without the
precipitate for the ideal solution model (b) the mole fraction of Cr in α and β phases as a
function of the precipitate radius

3.4.1.2 Case 2: Considerations of both chemical and mechanical effects

In this second application, we now consider the effects of mechanical loads (remotely applied)
on the thermodynamics driving forces and unstabel and stable configurations. Table 3.2
contains the elastic constants used in this work. This is adopted from the values reported
in the potential paper for pure FCC Fe and Cr [37]. For each composition, the elastic
constants are linearly interpolated using the mole fraction and elastic constants of each
element. The elastic constants of the precipitates are either half (softer) or double (stiffer)
the corresponding constants of the matrix for the same composition. The transformation

strain is assumed to be

−0.05 0 0
0 0.05 0
0 0 0

. This is qualitatively consistent with expected

values for some precipitates. In this example, the applied stress is

1 0 0
0 −1 0
0 0 0

 GPa. Such

large value is used to illustrate the potential effects of mechanical loads. We note that in
AM systems, one expects internal stresses to reach several hundres of MPa. As such, the
example presented should illustrate likely effects of internal mechanical fields.

Figure 3.5 compares the activation energy barrier for precipitate nucleation and corre-
sponding critical radius for different scenarios with and without the mechanical contributions.
It is found that the elastic strain energy from the difference in stiffness (also known as in-
homogeneity effects) has a weaker effects on the results compared to the the transformation
strain energy. Given the extreme assumption of high applied stress and large difference in
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Table 3.2: Elastic constants of FCC Fe and Cr(in GPa)

Parameter Fe Cr
C11 84.567 185.2
C22 84.567 185.2
C33 84.567 185.2
C12 49.309 137.661
C13 49.309 137.661
C23 49.309 137.661
C44 20.875 133.908

stiffness between the matrix and precipitate, the contribution of the elastic strain energy is
quite insignificant. This likely justifies the assumption of ignoring the pressure-dependence
term in the Gibbs free energy calculation for most material systems. [32]. On the other hand,
the effects of including the transformation is quite significant with an order of magnitude
reduction in activation energy barrier. Even though the activation barrier remains relatively
high (29 eV), it demonstrates the effects of transformation strain (to accommodate for the
mismatch in lattice between the precipitate and the matrix) on the overall activation barrier,
which has been greatly ignored.

Figure 3.5: Activation energy barrier and critical radius for (a) only chemical driving force,
(b) with chemical and elastic strain energy and (c) with chemical, elastic and transformation
strain energy

3.4.2 With regular solid solution

While the results from the ideal solution is quite promising, it only qualitatively represents
our problems. Thus, a regular solid solution model is used and coupled with the developed
nucleation model to better quantify the effects of the transformation strain on the nucleation
of the σ precipitate in 316 austenitic stainless steel (SS). Figure 3.6 shows the free energy -
mole fraction (G-X) curves for the Fe-Cr systems that will be investigated in this work. With
the regular solution model, we can perfectly fit our model to the G-X curve from PyCalphad.
The parameters for the model can be found in Table 3.3.
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Figure 3.6: Free energy - mole fraction curves for (Fe-Cr) systems from (a) pycalphad and
regular solution model (dashed line)

Table 3.3: Regular solid solution model parameter

Parameter Value Unit
µα
Fe -5 kJ/mol

µα
Cr 1 kJ/mol

µβ
Fe -1 kJ/mol

µβ
Cr -3 kJ/mol

ωα
Fe -2 kJ/mol

ωα
Cr 50 kJ/mol

ωβ
Fe -6 kJ/mol

ωβ
Cr -6 kJ/mol

3.4.2.1 Effects of transformation strain and applied stress on the critical radius and activation
energies

The objective here is to map the likely effects of mechanical loads and internal stress fields on
precipitation. For the sake of comprehensiveness and given that each precipitate type that
forms can induce different mechanical fields, distinct cases will be studied. Further, the initial
composition of the system as well as the remotely applied loads will be varied. Here, the
system contain 1 billion atoms, and two nominal concentrations of 5 and 12 % of Cr are used.
The stiffness tensor of the precipitate is exactly the same as the matrix. Two transformation

strain tensors are used, which are

−0.05 0 0
0 −0.05 0
0 0 0

 and

−0.05 0 0
0 0.05 0
0 0 0

. To evaluate

the role of stress state, a wide range of stress states are investigated

σo
xx 0 0
0 σo

yy 0
0 0 0

 where

σo
xx and σo

yy ranges from -1.0 to 1.0 GPa with increment of 0.2 GPa, which result in 100
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combinations of stress states.
The goal is to determine the activation energy for each of these 100 cases for both

transformation strains at two different nominal mole fractions to evaluate the effects of
stress on the nucleation.

Figure 3.7 compares the activation energy barrier for precipitate nucleation for different
scenarios of applied stress, transformation strain, and initial mole fraction. With only chem-
ical considerations, the activation energy barriers for the case with initial mole fractions of
5% and 12 % are 6.1 and 296 eV, respectively. As shown in Fig. 3.7, adding the effects
of stress and transformation strain can reduce these activation energy barriers which lead
to higher nucleation rates. Even at zero applied stress, the activation energy barriers are
lower. The cases with the initial mole fraction of 5% has more significant reduction in energy
barrier compared to the ones with initial mole fraction of 12%. Specifically, for the case with
initial mole fraction of 5%, the activation energy barrier can be reduced down to 10 eV,
which is almost 30 times smaller than in the case where only the chemical driving force is
considered. This is because the chemical driving force is much lower for the cases with initial
mole fraction of 12 % (shows in the large energy barrier). In those cases, the mechanical
contributions become dominant and can significantly reduce the energy barrier.

Qualitatively, for each transformation strain, the effects of stress states seems similar.

For instance, for a more deviatoric transformation strain of

−0.05 0 0
0 0.05 0
0 0 0

, the applied

stress with the negative σo
xx and positive σo

yy results in the maximum reduction in activation
barrier, while loading in the opposite direction would increase the activation barrier. On

the other hand, for a more hydrostatic transformation strain of

−0.05 0 0
0 −0.05 0
0 0 0

, the
maximum reduction in activation barrier is observed for σo

xx = σo
yy = 1 GPa. Thus, both the

transformation strain and the applied stress states have a great role in the determination of
the activation energy barriers for nucleation and thus the nucleation rates of the precipitates.
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Figure 3.7: Activation energy barrier (eV) for different applied stress states (σo
xx and σo

yy) for
initial mole fraction of 5% (a) and (b) and 12% (c) and (d). Two different transformation

strains are used:

−0.05 0 0
0 0.05 0
0 0 0

 for (a) and (c) and

−0.05 0 0
0 −0.05 0
0 0 0

 for (b) and (d)
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4 Preliminary models for the effect of dislocation and grain structure
on creep and aging

4.1 The effect of grain structure on creep anisotropy

Creep tests on additively manufactured (AM) materials, including laser powder bed fusion
stainless steel, have been shown to exhibit strong anisotropy. While the literature on the
creep behavior of laser powder bed fused (LPBF) 316H stainless steel remains limited, some
works on similar materials have tried to shed some light on this anisotropic behavior with
respect to the build and loading directions.

Although the precise mechanism and the source of the anisotropy is not clear, some
recent works on LPBF IN718 have studied this phenomena and found varying explanations.
Ghorbanpour et al. [38], for instance, studied the deformation at high temperature and
looked at various loading directions with respect to build direction and attributed the plastic
anisotropy to grain structure and texture. Shi et al.’s [39] tests had a shorter creep life
when loaded perpendicular to the build direction. They attributed this anisotropy to grain
boundaries being primarily distributed perpendicular to the loading direction, which could be
likely regions for creep void formation. Examining a closely related material, 316L stainless
steel, Williams et al. [40] identified higher grain boundary diffusion as a contributing factor
to anisotropy when grain boundaries were oriented normal to the maximum principal stress.
They report eight times higher creep rates when the sample is loaded perpendicular to the
build direction.

Among the numerous factors that can cause anisotropic creep response, this subsection
examines the influence of grain structure. In the absence of actual LPBF 316H creep test
data, we used previously-calibrated wrought 316H material parameters in a MOOSE-based
CPFEM framework, DEER to simulate creep in LPBF 316H. However, we simulated re-
alistic LPBF grain structures. This study therefore considers the effect of grain structure
independent from any changes to the grain-scale material constitutive behavior, for example
the effect of dislocation structure or different precipitation hardening mechanisms. LPBF
microstructures often exhibit long columnar grains along the build direction so we start by
examining the impact of these columnar grains on the predicted creep behavior of the mate-
rial. All the microstructures considered in the subsequent subsections have been subjected
to 130 MPa of tensile stress along the respective directions at a temperature of 600◦ C. The
details of CPFEM model used here can be found in [41].

4.1.1 Creep in prismatic polycrystals

In a simplified scenario, we begin by examining a prismatic microstructure with 16 randomly
oriented grains (Fig. 4.1). When loaded along different directions, we see the expected
anisotropy where the longer direction (z) shows higher creep strain due to the longer slip path
available in each singularly oriented grain. So, in absence of barrier to slip via dislocation
glide, we see higher strain along z as the material creeps. A larger polycrystal would produce
similar creep curves in the other two directions, however the sample effect here causes the
x and y curves to be substantially different in this simulation. All three directions show
faster creep as compared to the aggregate behavior in a polycrystalline material, as modeled
through a Taylor model simulation using the same orientations.
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Figure 4.1: A 16 grained prismatic microstructure, an inverse pole figure showing no preferred
orientations and the creep response.

Figure 4.2: A 125 grained columnar microstructure, an inverse polefigure showing no pre-
ferred orientations and the creep response.

Adding more complexity to the polycrystal model, a larger polycrystal is generated using
Neper [42] where a tessellation of 125 grains is generated and used to create a columnar
grain structure. In this case, we have a more randomized grain structure in x− y plane but
still a prismatic structure along z. Fig. 4.2 shows the polycyrstal, an inverse pole figure
that shows no preferential texture in the random orientations chosen for the grains, and the
creep response as a result of loading along different directions and comparing them to the
aggregate behavior in the Taylor model. Similar to the previous case, we see higher strain
along z owing to the unimpeded slip path. The curves for the x and y directions are now
more similar, as this simulation samples a larger number of grains.

Having established the anisotropic creep response is at least partially a result of the grain
structure in the prismatic microstructures, we will now examine the impact of the aspect
ratio of the the columnar grains. This will help us understand how the grain diameter
to length ratio may influence creep response in the prismatic grains and help us better
understand which morphological factors contribute the creep behavior observed in the AM
microstructures.
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(a) (b) (c) (d) (e)

(f) (g) (h) (i) (j)

Figure 4.3: Columnar grained polycrystal with varying length along z with aspect ratio =
(a) 0.083, (b) 0.091, (c) 0.101, (d) 0.12, (e) 0.136, (f) 0.173, (g) 0.205, (h) 0.281, (i) 0.415,
and (j) 0.811

As before, the microstructures were generated using Neper where the length along z is
varied (see Fig. 4.3). The aspect ratio is the ratio of the diameter of the grain and the
length along z, where the average diameter is calculated using the line intercept method
along x. These polycrystals are loaded along z with displacement along x, y, and z fixed
at x = 0, y = 0, and z = 0, respectively. The creep response (Fig. 4.4) shows that the
microstructrure with the highest aspect ratio (i.e. least width along z, Fig. 4.3(j)) has the
least creep life. The creep life seems to be increasing as the length of the grains along the
loading direction increases. Further investigation is being pursued in this direction where
periodic microstructures are being considered for this case study in order to remove any
edge-effects and look at a aggregate behavior of the material as result of this microstructure.

4.1.2 Modeling creep in realistic AM microstructures

The synthetic microstructures described in the previous subsection demonstrate how the
grain morphology can influence the creep behavior. Next, we consider a representative AM
microstructure to see how these factors influence the anisotropy in creep deformation in a
more realistic structure.

An FE mesh for the microstructure is generated using voxelated data of a simulated AM
microstructure 1, typical of AM stainless steel microstructures (but not a direct simulation
of 316H). The meshing tool Sculpt was used to defeature the input data (64M data points,
10K grains) and create a manageable mesh with ∼440 grains meshed with 250K hexahedral
elements (Fig. 4.5).

Assigning a single, constant orientation to each grain eliminates the orientation gradients
found in the original structure. This may result a deformation behavior similar to a columnar

1Courtesy of Matt Rolchigo and Alex Plotkowski, ORNL
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Figure 4.4: Creep comparison in columnar grained polycrystals with varying aspect ratio.

(a) (b)

Figure 4.5: (a) Original voxelated data showing grain IDs at each grid point, (b) FE mesh
created from the voxelated data
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Figure 4.6: IPF color map of Left: Original data, and Right: FE mesh.

grained microstructure, with singular orientation through the length of the polycrystal, where
the deformation of each grain will depend on its orientation (and thus the orientation of
its slip systems) with respect to the loading direction and the build direction. This may
make some grains more susceptible to plastic deformation and the resulting deformation is
expected to be microstructure specific. In order to model a more general behavior of the
microstructure we need to capture the orientation gradient in the polycrystal. To achieve
this, we check all the grid points in the original data that lie inside a given element. Then
the element is assigned an orientation matching the mode of the contained voxels. This
way each element is assigned a unique orientation, rather than each grain having a uniform
orientation. Fig. 4.6 compares the orientation in the original data and the orientation as
mapped to the FE mesh.

The microstructure is then subjected to similar loading conditions as previous cases and
as expected, the longer grains (along z) do result in a higher creep life. However, the results
deviates from the experimental results in literature, such as that in [39, 40], in that they
do not capture any creep cavitation mechanisms that might affect the creep strength. This
is owing to the fact that the CPFEM model used here does not treat grain boundaries any
differently than rest of the mesh. As a result this deformation behavior is expected - where
deformation along the direction that does not provide barrier to slip and provides longer
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Figure 4.7: Simulated creep curve for AM microstructure

path for dislocation glide will result in larger plastic strain.
In order to capture the higher slip rate along the transverse directions (x and y), we

need to incorporate a grain boundary cavitation model that allows diffusion along the grain
boundaries as a result of the creep and allows void formation and growth. This may help us
model the higher creep rate, as reported by Williams et al. [40]

4.1.3 Future work

Additional work is being pursued to understand the relationship between the aspect ratio
of grains and the creep rate, where periodic microstructures are being used to understand if
there is a clear trend in the creep behavior.

A grain boundary cavitation model is under investigation to accurately capture the creep
rate along the transverse directions. Once implemented, finally, a physics based model for
the creep deformation of 316H stainless steel developed by Hu and Kocks [43] will be used
to accurately model the creep behavior of LPBF 316H.

4.2 The effect of dislocation structure on long-term strength

One of the significant characteristics of additively manufactured 316 stainless steel (AM
316 SS) is a cell dislocation structure of tangled dislocations, illustrated in Figure 4.8. This
structure develops during the LPBF process as a result of the fast cooling rate. The structure
has been demonstrated to have significant impact on mechanical properties, particularly
when comparing AM materials to wrought or cast equivalents [44, 45, 46].

Numerous studies have been undertaken to understand the fundamental deformation
mechanisms in AM 316, including both experimental [47, 48, 49, 50] and computational [51,
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Figure 4.8: Schematic of the cell structure consisting of tangled dislocation.

52, 53, 54, 55] approaches. However, only few studies [56, 57] focus on the the performance of
AM 316 SS subjected to long-term service at high temperatures. In this section, we propose a
dislocation density based constitutive model for AM 316 materials which considers long-term
thermal aging. The details of the development of the model are described here.

This model focuses only on the effect of the cell structure on dislocation hardening and
thermal recovery. A complete model would have to account for precipitation hardening and
recovery, including the effect of the dislocation cell structure on these mechanisms.

The resistance to slip contributed by the cell structure is the sum of slip resistance from
both the cell wall and cell interiors

τcrss = αiGb
√
ρi(1− f(1− sf(d))) + αwGb

√
ρwf(1− sf(d)) (4.1)

where sf(d) is a sigmoid function of wall size d, describing the influence of the existing cell
structure satisfying certain critical wall size dc requirement:

sf(d) =
1

1 + e−c( d
dc

−1)
(4.2)

where dc is critical wall size above which the effect of the pseudo Hall-Petch effect induced
from the cell structure is diminished.

Further, the evolution of the cell structure has been demonstrated to be influenced by
thermal recovery. For example, see Figure 4.9, where clear changes in the cell structure can
be observed during the thermal aging period. We propose to account for thermal recovery
with a simple Arrhenius-type model to evolve the cell size:

ḋ = k0e
−Q
RT de

−d
dc (4.3)

Based on the experiments, the temperature not only affects the cell size, as reflected by
Eq. 4.3, but also it also impacts the the thickness of the cell structure. To be specific, in
experiment it has been observed that the cell wall size is relatively stable for temperatures
cooler than 550◦C. Here, only the dislocation density in the cell wall has changed. To
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(a) as-built (b) 550◦C − 500h (c) 750◦C − 500h

(d) 650◦C − 5h (e) 650◦C − 25h (f) 650◦C − 100h (g) 650◦C − 500h

Figure 4.9: The influence of thermal aging on the microstructure of AM 316 SS under dif-
ferent period and temperature levels. Images provided by Xuan Zhang of Argonne National
Laboratory.

account for this effect, we proposed a temperature dependent function to evaluate the volume
fraction of cell structure based on the current cell size to represent the temperature dependent
geometrical relationship between cell size and cell volume fraction as:

f =
µωb3

kT

1

d
+ fb (4.4)

where ω = 1.687× 10−4 is the prefactor and fb is the intercept accounting for the nonlinear
geometric relationship. The rate form of the volume fraction of cell structure can then be
obtained with:

ḟ =
−kT
µωb3

f 2d (4.5)

We translate the cell and wall size to a slip resistance following a quasi-Hall-Petch rela-
tionship [58]. For example, Li et al. determined the quasi-Hall-Petch relation by measuring
the resolved shear yield strength obtained from micro-pillars tests versus the cell structure
size. Therefore, here we assume the dislocation density in the cell wall is dependent on the
history of cell structure size:

d = λ < ρw >−0.5 (4.6)

and its ODE form:

ρ̇w = (kw,1

√
< ρw >− kw,2(T ) < ρw >)γ̇ +

−2
λ

< ρw >1.5 ḋ
T

T + Tr

ftr (4.7)
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b kw,1 kw,2 dc λ αw αi c E

0.256× 10−9 1.13× 109 50.0 1.0× 10−6 1.0 0.95 0.25 1000.0 100000.0

m ε̇0 d0 Q R k0 σmax σrate f0

0.01 1× 10−4 550× 10−9 1.0× 104 8.3145 1.0× 10−6 20.0 1.0 0.25

ki,1 ki,2 x g D0 ε̇0

1.13× 108 50.0 0.3 0.002 100.0 1.0× 103

Table 4.1: Model parameters.

and the evolution of the dislocation density in cell interior follows the traditional forest
hardening model:

ρ̇i = (ki,1
√
< ρi >− ki,2(T ) < ρi >)γ̇ +

2

λ
< ρw >1.5 ḋ

T

T + Tr

ftr (4.8)

where kw,2(T ) is described as:

k2(T ) = xbgk1(1−
kT

D0b3
) ln

ε̇

ε̇0
(4.9)

ftr = 0.1 represents the thermal recovery from the cell wall into the cell interior due to the
change of the mobility of dislocation. x, g,D0 are the coefficients of the recovery term and
ε̇0 = 1.0× 103.

The calibrated model parameters are listed in Table 4.1.

With this model, the internal variables will be ρw, ρi, d and the system of ODEs are sum-
marized in Algorithm 1. We implemented the constitutive model in neml — an open source
material model library — into a standard single crystal, crystal plasticity, kinematic frame-
work. neml provides basic crystal plasticity material models through both the integration
of ODEs within neml internally and finite element solver externally. The Jacobians of the
model with respect to the internal variables are also derived here.

Algorithm 1 The ODEs of the AM 316 model.

1: ḋ = k0e
−Q
RT de

−d
dc

2: f = µωb3

kT
1
d ← d

3: sf(d) = 1

1+e
−c( d

dc
−1)
← d

4: ρ̇w = (kw,1
√
< ρw >− kw,2(T ) < ρw >)γ̇ + −2

λ < ρw >1.5 ḋ T
T+Tr

ftr

5: ρ̇i = (ki,1
√
< ρi >− ki,2(T ) < ρi >)γ̇ + 2

λ < ρw >1.5 ḋ T
T+Tr

ftr
6: τcrss = αiGb

√
ρi(1− f(1− sf(d))) + αwGb

√
ρwf(1− sf(d))← ρi, ρw, d
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ḣ are:

ḣ =


k0e

−Q
RT de

−d
dc

(kw,1
√
< ρw >− kw,2(T ) < ρw >)γ̇ + −2

λ
< ρw >1.5 ḋ T

T+Tr
ftr

...

(ki,1
√
< ρi >− ki,2(T ) < ρi >)γ̇ + 2

λ
< ρw >1.5 ḋ T

T+Tr
ftr

...

 (4.10)

τ are:

τ =

[
αiGb

√
< ρi >(1− f(1− sf(d))) + αwGb

√
< ρw >f(1− sf(d))

...

]
(4.11)

dh
dτ

are:
df

dd
=
−µωb3

kT
d−2

dsf

dd
=

c

dc
e−c( d

dc
−1)(1 + e−c( d

dc
−1))−2

dτ

dh
=



αiGb
√
< ρi >(− df

dd
+ df

dd
sf + f dsf

dd
) + αwGb

√
< ρw >( df

dd
− ( df

dd
sf + f dsf

dd
))

...
1
2
αwGb < ρw >

−1
2 f(1− sf)

...
1
2
αiGb < ρi >

−1
2 (1− f(1− sf))
...


(4.12)

dḣ
dσ

are:

dḣ

dσ
=



0
...

(kw,1
√
< ρw >− kw,2(T ) < ρw >) γ̇

dσ
...

(ki,1
√
< ρi >− ki,2(T ) < ρi >) γ̇

dσ
...


(4.13)

dḣ
dh

are: {
∂ḋ
∂d

= k0e
−Q
RT e

−d
dc (1− d

dc
), if self

0, otherwise

∂ḋ

∂ρw
= 0.0
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∂ḋ

∂ρi
= 0.0

∂ρ̇w
∂d

= (kw,1

√
< ρw >− kw,2(T ) < ρw >)

∂γ̇

∂d
− 2

λ
< ρ1.5w > k0e

−Q
RT

T

T + Tr

ftre
−d
dc (1− d

dc
)

∂ρ̇w
∂ρw

=

{
(1
2
kw,1 < ρw >

−1
2 −kw,2)γ̇ − 3

λ
< ρw >0.5 ḋ T

T+Tr
ftr, if self

(kw,1
√
< ρw >− kw,2 < ρw >) ∂γ̇

∂ρw
, otherwise

∂ρ̇w
∂ρi

= (kw,1

√
< ρw >− kw,2(T ) < ρw >)

∂γ̇

∂ρi

∂ρ̇i
∂d

= (ki,1
√
< ρi >− ki,2(T ) < ρi >)

∂γ̇

∂d
+

2

λ
< ρ1.5w > k0e

−Q
RT

T

T + Tr

ftre
−d
dc (1− d

dc
)

∂ρ̇i
∂ρw

=

{
3
λ
< ρ0.5w > ḋ T

T+Tr
ftr, if self + 12

(ki,1
√
< ρi >− ki,2(T ) < ρi >) ∂γ̇

∂ρw
, otherwise

∂ρ̇i
∂ρi

=

{
(1
2
ki,1 < ρi >

−1
2 −ki,2)γ̇, if self

(ki,1
√
< ρi >− ki,2 < ρi >) ∂γ̇

∂ρi
, otherwise

dḣ

dh
=



[∂ḋ
d
]× 1 + [ ∂ḋ

ρw
]× 12 + [∂ḋ

ρi
]× 12

...

[∂ ˙ρw
d
]× 1 + [∂ ˙ρw

ρw
]× 12 + [∂ ˙ρw

ρi
]× 12

...

[∂ρ̇i
d
]× 1 + [∂ρ̇i

ρw
]× 12 + [∂ρ̇i

ρi
]× 12

...


(4.14)

dḣ
dext

are:

dḣ

dext
=



0
...

(kw,1
√
< ρw >− kw,2(T ) < ρw >)∂γ̇

∂h
...

(ki,1
√
< ρi >− ki,2(T ) < ρi >)∂γ̇

∂h
...


(4.15)

Figure 4.10 displays the predicted thermal aging results vs. the actual measurement from
the experiments at 650◦ C. Figure 4.11 plots the predicted stress-strain curves vs. the actual
result for the aged uniaxial tension tests.
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Figure 4.10: (a) Predicted cell wall size vs. the actual experiment measurements. (b) Pre-
dicted cell volume fraction vs. the actual experiment measurements during thermal aging
process at 650◦C.

The model adequately captures the change in the material flow stress with time-at-
temperature. Similarly, it reasonably captures the cell volume fraction from the experiments.
It does not capture the complex evolution in cell size (recovery followed by growth), but
rather models only a uniform growth rate with temperature.

Future work might improve these model predictions by improving the cell growth kine-
matics. Additionally, we might extend these predictions to longer aging times and higher
temperatures. As noted above, a complete model would also need to account for precipita-
tion kinetics in the material, in particular the interaction between precipitation and the cell
structure.
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Figure 4.11: Predicted stress-strain curves vs. experimental aged uniaxial tension tests start-
ing from different thermal aging period (a) as-built; (b) 5h under 650◦C; (c) 25h under 650◦C;
(d) 100h under 650◦C;.
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5 Conclusions

This report summarizes preliminary models to understand and predict key mechanisms con-
tributing to the long-term strength of LPBF 316H stainless steel. Specifically, the report
details models for:

1. radiation creep and void swelling

2. the influence of local internal stress on the precipitation of second phases

3. the effect of AM-specific grain and dislocation cell structure.

All of these mechanisms will have an influence on the long-term strength of the LPBF
material. These models focus, in particular, on aspects of the LPBF microstructure that
differ from wrought materials, with the goal of improving our understanding of the underlying
mechanisms and making better, more accurate long-term predictions for material strength.

Already this report makes some preliminary long-term predictions for the behavior of
LPBF 316H under creep and thermal aging conditions. However, additional work will be
required to improve these mechanism models, and, especially, to integrate the models into a
unified framework for simulating the response of LPBF materials. Such a unified model will
need to account for interactions between the individual mechanisms. Two examples of such
interactions might be:

• The local internal stress caused by the dislocation cell structure provides a localized
driving force for precipitation (in addition to chemical segregation). This will cause
precipitates to prefer cell walls as favorable nucleation sites imprinting the disloca-
tion structure on the subsequent precipitation structure. This, in turn, will influence
precipitation hardening and affect the material strength.

• The dislocation network might act as sinks for radiation-induced defects in the material
microstructure, improving the resistance of the material to radiation damage.

This unified model could be developed and validated against short-term test data and mi-
crostructural observations of AM material. One main use of such a validated model would be
to make predictions for the long-term material strength under representative high tempera-
ture reactor operating conditions. Currently, such predictions are often made with empirical
models that may be inaccurate when extrapolating far outside the available experimental
test durations. Physics-based models should have improved accuracy for making these long
term predictions, which could reduce the number of duration of tests required to qualify
LPBF 316H and future advanced materials.

Directly validating such a model is challenging as long-term data would be required. One
approach might be to collect detailed data on a limited amount of material to serve as a
challenge validation problem for the model. An example might be a creep test on a single
sample coupled with detailed, pre-deformation characterization of the sample microstructure.
Successfully predicting creep crack initiation and growth through the material structure
would be a powerful validation example, even if the duration of the creep test does not cover
full plant component design lives.
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